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Abstract
The temperature dependencies of true strain-hardening and plastic-instability properties are investigated for austenitic stainless
steels; including annealed 304, 316, 316LN, and 20% cold-worked 316LN, at test temperatures from )150 to 450 °C. In both annealed and cold-worked conditions, strength decreases with increasing temperature, while ductility peaks below room temperature
and is least at about 400 °C. At room temperature or below, the strain-hardening behavior exhibits two stages consisting of a rapid
decrease for small strains and an increase-decrease cycle before plastic instability occurs. At higher temperatures the strain-hardening rate decreases monotonically with strain. The characteristics of these strain-hardening behaviors are explained by changes in
deformation microstructure. Transmission electron microscopy (TEM) of the deformed 316LN steel shows that twins, stacking
faults, and/or martensite laths, along with dislocations, are formed at subzero temperatures, and dislocation-dominant microstructures at elevated temperatures. It is also shown that the average strain-hardening rate during necking to failure is almost equal
to the true stress at the onset of necking. This stress is called the plastic instability stress (PIS). Cold-worked specimens fail by
prompt necking at yield when the yield stress exceeds the PIS of annealed material, indicating that the PIS is independent of prior
cold work.
Ó 2004 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
The 300 series austenitic stainless steels provide high
resistance to corrosion and oxidation and retain high
strength and excellent ductility over a temperature range
from cryogenic to elevated temperatures [1,2]. Such favorable properties enable those steels to meet requirements for application in nuclear facilities such as ﬁssion
and fusion reactors [3–12] and accelerator-based systems
[13–19], as well as for a wide variety of non-nuclear
applications [1]. Their high resistance to degradation by
irradiation is particularly important for nuclear applications. Therefore, the austenitic stainless steels, which
show extraordinary high ductility before irradiation,
have been candidates for many in-reactor structures
*
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[3–6]. As an example for recent nuclear application, the
316LN stainless steel was selected as the primary candidate material for the mercury container vessel of the
spallation neutron source (SNS) facility [13–15,18,19].
The selection was based on R&D from the fusion materials program [7,8,20]. In the present study three 300
series stainless steels, annealed 316, annealed and 20%
cold-worked 316LN, and annealed 304 stainless steels
have been tested over the temperature range )150 to
450 °C to supply baseline data for design activity for the
SNS target vessel and to use the data for further analysis
on plastic instability behavior.
Since the austenite phase in the 300 series stainless
steels is thermodynamically stable over a wide range of
temperature, it can be hardened only by cold working if
the alloy composition is not modiﬁed to introduce precipitates [1,2]. It has been shown that the eﬀects of
plastic deformation, by either cold working before tensile testing or the tensile testing itself, resembled those of
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irradiation [21,22]. Further, since the degradation of
mechanical properties by irradiation in those steels rely
on the excellent initial ductility, the loss of ductility and
embrittlement by irradiation are known to be relatively
small when compared to other metallic materials
[13,15,18]. These facts indicate that their response to
plastic deformation prior to irradiation might supply
much of the information needed to predict the material
performance after irradiation. Therefore, discussions in
the present paper are focused on the temperature dependence of stress–strain behavior before irradiation
and on the elucidation of the diﬀerences and similarities
between irradiated and deformed conditions.

Then, the average strain-hardening rate during
necking, HRN, was calculated by
HRN ¼

The test materials consisted of four austenitic stainless
steels: annealed 304, 316, and 316LN stainless steels, and
a 20% cold-worked 316LN stainless steel. The chemical
compositions and thermo-mechanical histories of the
materials are listed in Table 1. A ﬂat, sub-sized tensile
specimen design, so-called SS-3 type [19], was used for
the present experiments. Its gage section dimensions are
7.62 mm long, 1.5 mm wide and 0.75 mm thick.
Tensile tests were performed using a screw-driven
Tinius–Olsen machine at a nominal strain rate of
103 s1 . Test temperature ranged from )150 to 450 °C,
and it was controlled by an automatic heating/cooling
chamber system using electrical heating and liquid nitrogen injection. Engineering stress–strain and true
stress–true strain data were calculated from the load–
displacement measurements.
After tensile failure, the dimensions of the neck,
width and thickness at the point of the smallest crosssectional area, were measured using a high-precision
micrometer to obtain the ﬁnal cross-sectional area AF .
True fracture strain eF and true fracture stress rF were
calculated from the initial and ﬁnal cross-sectional areas, A0 and AF , respectively, and fracture load PF by the
following relationships [23]:
ð1Þ

rF ¼ PF =AF :

ð2Þ

ð3Þ

where eU is the true uniform strain.
For microstructural observations, 1.5 mm long pieces (roughly squares) were cut from the uniform deformation sections of annealed 316LN tensile samples
and were ground to a thickness of about 0.2 mm or
less. The thin square plates were then thinned to perforation by a twin-jet electrochemical polisher and
deformation microstructures were observed in a JEOL2000FX transmission electron microscope operating at
200 kV.

2. Experimental

eF ¼ lnðA0 =AF Þ;

ðrF  PISÞ
;
ðeF  eU Þ

3. Results and discussion
3.1. Temperature dependence of engineering tensile properties
Figs. 1–4 present selected engineering stress–strain
curves for the four austenitic stainless steels. These steels
showed strong temperature dependencies of strength
and ductility; the strength increased as test temperature
decreased. Contrary to most other metals, the ductility
did not decline systematically with decreasing temperature rather it peaked between )100 °C and room temperature (20 °C). Except for the 20% cold-worked
specimens tested at room temperature or higher, tensile
specimens showed high uniform elongations of 40–100%
and relatively small necking elongations. (Hereafter the
engineering strain is expressed in percent (%) to distinguish it from the true strain in fraction.) At about
100 °C or higher, the 20% cold-worked 316LN stainless
steel showed prompt necking at yield, resulting in zero
uniform ductility.
The other remarkable feature of the temperature dependence is the change in curve shape with test temperature. Above room temperature, except for some of
the 20% cold-worked 316LN specimens showing prompt
necking at yield, the engineering stress increased

Table 1
Compositions and thermo-mechanical treatments for austenitic stainless steels
Material

316LN-annealed
and -cold worked
316-annealed
304-annealed
316LN–20% CW
*

Composition (wt. % )
Fe

Ni

Cr

Mo

Mn

Si

P

C

N

Bal.

16.3

10.2

2.01

1.75

0.39

0.029

0.009

0.11

Bal.
Bal.
Bal.

17.15
18.37
16.3

13.45
8.04
10.2

2.34
0.04
2.01

1.86
1.73
1.75

0.57
0.44
0.39

0.024
0.022
0.029

0.059
0.036
0.009

0.031
0.058
0.11

Others

0.018 S, 0.1Cu, 0.02 Co
0.03Co, 0.1Cu, 0.12V

Samples annealed at 1050 °C for 30 min after machining; cold-worked samples were machined from a sheet that was 20% cold-rolled from a 1-mm
thick sheet. Tensile specimens were made in the rolling (longitudinal) direction.
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Fig. 1. Temperature dependence of the engineering stress–strain curves
for annealed 316LN stainless steel.
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Fig. 3. Temperature dependence of the engineering stress–strain curves
for annealed 304 stainless steel.
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Fig. 2. Temperature dependence of the engineering stress–strain curves
for annealed 316 stainless steel.

monotonically with engineering strain until necking intervened. At )50 °C or below, however, the austenitic
steels showed two-stage hardening behavior; the initial
parabolic hardening stage, where strain-hardening rate
decreased with strain, ending at an engineering strain
between 3% and 20%, and an increase-decrease cycle of
strain-hardening rate in a second hardening stage. For
the 20% cold-worked 316LN steel at )100 and )150 °C,
the strain hardening in the initial hardening stage was so
low that it looked like L€
uders region. Due to the acceleration of strain hardening in the second stage, the
necking occurred at fairly high stress and strain levels.
Also, the average strain-hardening rate seemed to be

-50

200

100

0
0

20

40
60
80
Engineering strain, %

100

120

Fig. 4. Temperature dependence of the engineering stress–strain curves
for 20% cold-worked 316LN stainless steel.

higher at lower temperatures, where strength was higher.
In general, the average strain-hardening rate decreased
with strength [18,19]. This characteristic strain-hardening behavior, in relation to microstructural change, will
be explored again in later sections. Among the test
materials, the annealed 316 steel displayed the weakest
temperature dependence in the curve shape.
Engineering strength data are presented in Fig. 5.
Both yield strength (YS) and ultimate tensile strength
(UTS) increased with decreasing temperature. In the
annealed steels, the yield strengths at )150 °C were in
the range 430–570 MPa, or 4.3–5.6 times those at 400 °C
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have maxima of over 80% below room temperature. A
rapid decrease of ductility occurred as the test temperature was increased from the maximum ductility temperature to about 200 °C. All annealed steels retained
more than 40% elongations at 400 °C. As shown in the
engineering stress–strain curves in Figs. 1–4, the strength
fell rapidly once the deformation reached plastic instability. Consequently, the necking strain, which is the
diﬀerence between UE and TE, was only 5–10% in the
annealed steels. In the 20% cold-worked 316LN steel, on
the other hand, the UE and TE values were much lower
than those of the annealed steels but the necking strains
were the same or slightly larger than those for the annealed steels. For the 20% cold-worked 316LN at )100
°C, UE and TE had maxima of 52 and 62%, respectively. UE decreased with temperature and became
nearly zero at 100 °C or higher.

Test temperature, C
Fig. 5. Temperature dependence of the strength of stainless steels.

(100–110 MPa). In the cold-worked stainless steel,
however, the temperature dependence of YS was much
smaller; the yield strength at )150 °C is 1040 MPa, less
than 2 times that at 400 °C (590 MPa). The UTS displayed less signiﬁcant temperature dependence than YS;
for all tested materials, the ultimate tensile strengths at
)150 °C were in the range 1000–1400 MPa, whereas
those at 400 °C were 400–610 MPa. Excluding the coldworked material, the diﬀerence in the strength between
the test materials was reduced a little at elevated
temperatures.
Fig. 6 displays the temperature dependence of elongations. This ﬁgure shows that the uniform and total
elongations (UE and TE, respectively) of anneal steels

3.2. Temperature dependence of strain-hardening behavior
Figs. 7–10 present the true stress (r) vs. true strain (e)
curves and the strain-hardening rates (dr=de) vs. true
strain curves at selected temperatures. In annealed
316LN stainless steel, Fig. 7, the true stress–true strain
curves at 20 and 400 °C decreased monotonically with
strain in the uniform deformation region. Very high
strain-hardening rates were found at the onset of deformation, and the strain-hardening rate immediately
decreased rapidly with strain in the true strain range
0–0.1. However, despite this decrease, the strain the
strain-hardening rate remained above the true stress
value until plastic instability occurred. It is also notable
that the strain-hardening rate again drops rapidly as the
deformation approaches the plastic instability point
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Fig. 7. Temperature dependence of the true stress–true strain curve
(continuous line) and strain-hardening rate (dotted line) in annealed
316LN stainless steel.
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(continuous line) and strain-hardening rate (dotted line) in annealed
304 stainless steel.

where necking is initiated at the intersection of the
curves of r vs. e and dr=de vs. e, which corresponds to
the engineering UTS [23,24]. The instability strain, or
uniform strain, was higher when the overall strainhardening rate was higher. At )150 °C the strain-hardening curve displayed a two-stage hardening behavior.
The ﬁrst parabolic hardening trend ended at a strain of
about 0.1, where the strain-hardening rate curve had a

Fig. 10. Temperature dependence of the true stress–true strain curve
(continuous line) and strain-hardening rate (dotted line) in 20% coldworked 316LN stainless steel.

minimum of about 1700 MPa. From this point, the
strain-hardening rate increased with strain and reached
3800 MPa level at a strain of about 0.3. A plateau at a
high strain-hardening rate of about 3800 MPa was
formed in a strain range of 0.3–0.45, and then the strainhardening rate decreased rapidly to the intersection with
the true stress–true stain curve. In the ﬁrst parabolichardening region the rapidly decreasing strain-hardening rates were similar for the three temperatures. In the
higher strain range (>0.1), however, the strain-hardening rate at )150 °C was very much higher than those at
20 and 400 °C. This higher strain-hardening rate at
)150 °C resulted in plastic instability occurring at a
higher strain, as indicated in the UE data in Fig. 6. In
the annealed 316LN stainless steel the two-stage hardening behavior is present at )50 °C or below.
For the other two annealed stainless steels, type 316
and 304 stainless steels, Figs. 8 and 9, the overall temperature dependencies of r vs. e and dr=de vs. e curves
were similar to those of the annealed 316LN stainless
steel. In detail, however, the temperature dependence of
dr=de vs. e curve was stronger in the annealed 304
stainless steel than in the annealed 316LN stainless
steel. In the second hardening stage of the 304 steel at
)150 °C, the maximum value of dr=de was at 5700 MPa
level, which was considerably higher than those of
316LN and 316 steels. Despite this clear two-stage
hardening at low temperatures, a relatively weak twostage hardening behavior was observed at room temperature. The maximum value of dr=de for the annealed
316 steel at )150 °C was only about 3000 MPa, the
lowest among the annealed materials.
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The temperature dependencies of the vs. e curve and
dr=de vs. e curve in the 20% cold-worked 316LN steel,
Fig. 10, appeared to be less signiﬁcant when compared
to the annealed 316LN stainless steel. Although the
overall strain-hardening rate was lower than those of the
annealed steels, the second stage hardening was still high
at )100 °C or below. An interesting point is that at
)100 °C the dr=de vs. e curve intercepts the r vs. e curve
at a strain of 0.04 without causing gross plastic instability. Further, the strain-hardening rate increased again
after it reached a minimum at a strain of 0.07. A feature
of this behavior is that the declining strain-hardening
rate was already beginning before the interception occurred, and it accelerated soon after the interception.
The incipient neck was thus stopped and erased before it
aﬀected the stress–strain behavior signiﬁcantly. At this
temperature, the maximum value for dr=de in the second stage was about 2600 MPa, and ﬁnally plastic

instability or necking occurred at a large true strain of
0.38.
3.3. Deformation microstructures
Signiﬁcant variations in the strain-hardening behavior shown in Figs. 7–10 must result from changes in the
deformation mechanisms. Fig. 11 displays signiﬁcant
diﬀerences in TEM microstructures after deformation to
5%, 20%, and 50% engineering strain at )150 and
200 °C. At )150 °C many thin twins or stacking faults
along with perfect dislocations were formed during early
deformation up to 5% strain, Fig. 11(a). Formation of
those microstructures corresponds to the parabolic
stress–strain response in Fig. 7. Fig. 11(b) shows many
twins have formed during deformation to 20%; additionally, dense tangled dislocations, seen as dark patches
(some of these may be martensite particles), became

Fig. 11. Temperature and strain dependence of deformation microstructure in annealed 316LN stainless steel after deformation to (a) 5%, (b) 20%,
and (c) 50% at )150 °C, and to (d) 5%, (e) 20%, and (f) 50% at 200 °C (zone axis ¼ [0 1 1]).
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abundant. Dense tangled dislocations are needed to
accommodate a large bulk strain of 20% (about 0.182
true strain) because the thin twins can account for only
part of the bulk strain. The volume fraction of the twin
layers in Fig. 11(b) was measured at about 0.09. It is
known that the theoretical shear strain within a twin
layer formed on a {1 1 1} plane is 0.707 [25,26], which
equals 0.354 in the equivalent strain unit. Therefore, the
twins in Fig. 11(b) account for only a small amount of
strain, 0.032 (¼ 0.09  0.354), at a bulk strain of 0.182.
Fig. 11(c) shows a microstructure after heavy deformation to 50%. Deformation to this strain level produced complicated microstructures; which included
heavily tangled dislocations, twins, stacking faults, and
martensite. Lath structure in the martensite region with
a width of order 100 nm is evident. The temperature for
the start of the strain-induced austenitic to martensite
transformation is unknown for the 316LN alloy; however, the austenite phase is believed to be thermodynamically stable at )150 °C because no martensite was
found in Fig. 11(a). An eﬀect of stress on the martensitic
transformation in the austenitic stainless steels is normally to raise the martensite start temperature, which
means that deformation can stimulate martensite formation at a given temperature [27]. It is reported [28,29]
that martensite is frequently observed after deformation
at room temperature or below; e-martensite was formed
along with stacking faults, while a-martensite nucleation
seemed to be associated with dislocation pileups where
the stress level was very high. The true stresses corresponding to the microstructures in Fig. 11(a)–(c) were
700, 1000, and 2100 MPa, respectively. The martensite
in Fig. 11(c), which has been formed with the aid of high
stresses up to 2100 MPa, is believed to be mostly
a-martensite.
At an elevated temperature of 200 °C the deformation
microstructures consisted of tangled dislocations along
with a single-layer or overlapped stacking faults,
Figs. 11(d)–(f). No martensite was found in these microstructures, which were formed in the stress range
400–1100 MPa. Both individual and pile-up dislocations
dissociated into partials to form stacking fault segments.
The dominant microstructure seems to be tangled
dislocations.
Uniform ductility can be a measure of a material’s
ability to avoid a strain localization that will eventually
lead to a shear failure. Austenitic stainless steels usually
show excellent uniform ductility, especially at cryogenic
temperatures, and it comprises the major part of the
total ductility. This excellent uniform ductility of the
face-centered cubic steels has been explained by various
deformation mechanisms originating from low stacking
fault energy (SFE < 20 mJ/m2 ) [24–26,30–35]. With such
a low SFE a gliding ordinary (perfect) dislocation actually consists of two dissociated partial dislocations
with an equivalent separation on the order of 10 nm
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[25–35]. This separation increases as the applied stress
increases by strain hardening [31,34–37]. A stacking
fault exists formed between the partials, which makes
cross-slip diﬃcult because the stacking fault must be
eliminated for the dislocation to cross slip. Therefore,
the gliding dislocations are conﬁned to a thin slip band
forming a large pile-up against an obstacle, most likely a
grain boundary. Large pile-ups can build a large longrange back stress and result in high strain-hardening
rate [23–26]. Also, the formation of large stacking faults
and mechanical twins is easier in the low SFE metals
such as stainless steels. Progressive formation of stacking faults and twins on intersecting planes during deformation means that obstacles to later glides also
increase progressively during deformation. This should
produce a high strain-hardening rate [18]. During deformation at a high strain-hardening rate, the plastic
deformation can spread into a larger volume of material, and thus the strain localization or necking is delayed. In high stacking fault energy materials, cross-slip
can occur easily, and therefore tangled dislocation
structures are developed in relatively early stage, which
results in early saturation at relatively low uniform
ductility [24]. Cross-slipping and tangled dislocations
may also encourage annihilation of dislocations by
increasing the possibility for dislocation–dislocation
interactions [38].
The above explanation associated with dislocation
separation of partial dislocations may account for the
high uniform ductility of the austenitic stainless steels.
However, it can not explain the re-acceleration of strainhardening rate from 5–20% strain and even higher
strain-hardening rate in the second hardening stage at
)50 °C or below. It is believed that the martensite
transformation is responsible for the re-acceleration of
strain-hardening and resultant high uniform ductility at
low temperatures. As seen in Fig. 11(c), ﬁne martensite
laths of 10 nm were formed during deformation and
those should reduce eﬀective grain size to a large degree
from the original grain size of about 30 lm. Further,
since the martensite transformation is a stress (or
strain)-assisted transformation in the 316LN steel, the
volume fraction of martensite might increase with strain
and stress. Therefore, as a similar role of twinning in
deformation [24–26,28–37], a progressive formation of
obstacles, martensite laths and their boundaries, might
supply a less exhaustible hardening mechanism. Also,
similar mechanical and microstructural behaviors are
found in the Fe–Mn–Si–Al steels or so-called the TRIP/
TWIP steels (transformation/twinning induced plasticity
steels) [39–41]. Overall, the uniform ductility should
increase when more stress-induced obstacles such as
large stacking faults, twins, and martensite laths are
formed during deformation, while less uniform ductility
will be measured when a tangled dislocation network is
dominant [18,21,22].
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3.4. Strain-hardening behavior during plastic instability
Considere’s criterion for plastic instability [18,23,24],
r ¼ dr=de, was used to determine the true stress at the
onset of necking, i.e., the plastic instability stress (PIS)
[21,22]. When the Considere’s criterion is satisﬁed, the
two curves, r vs. e curve and dr=de vs. e curve, intersect
each other at the uniform true strain, eU . In case that the
two curves meet more than once (e.g., the )100 °C case
in Fig. 10 ), the highest strain interception is regarded as
the onset of necking. The temperature dependence of
PIS is presented in Fig. 12, along with that of average
strain-hardening rate during necking (HRN).
The PIS decreased rapidly with temperature in the
temperature range )150 to 100 °C and was almost ﬂat
over a temperature range 100–450 °C. This response is
similar to the temperature dependencies of YS and UTS.
It is worth noting that the four diﬀerent stainless steels
show similar PIS values, in spite of the diﬀerences in the
other tensile properties. In particular, similar PIS values
were obtained for both annealed and 20% cold-worked
316LN steels, which indicated that PIS was not aﬀected
by the pre-strain applied at lower temperature. Similar
behavior has been observed in irradiated materials; PIS
had little dependence on irradiation dose [21,22], i.e., on
degree of radiation hardening. These observations indicate that similar PIS values will be obtained in different material conditions: annealed, irradiated, and
pre-strained conditions. This leads to the conclusion
that irradiation and pre-strain produce similar eﬀects on
plastic deformation. Temperature change, on the other
hand, can have signiﬁcant inﬂuence on PIS as well as on
the strength of the material, as seen in Fig. 12.
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Fig. 12. Variation of plastic instability stress (PIS) with test temperature and comparison with average strain-hardening rate during
necking (HRN).

To compare the strain-hardening behaviors before
and after the onset of necking, the values for average
HRN were evaluated by Eq. (3) for the annealed
316LN, 20% cold-worked 316LN, and annealed 304
steels. The HRN data are overlaid on the PIS data in
Fig. 12. This comparison reveals that the magnitude
and temperature dependence of HRN are approximately the same as those of PIS over the test
temperature range. It has been conﬁrmed that the
strain-hardening rate is positive during necking in both
irradiated and unirradiated materials although the
engineering
stress
decreases
with
elongation
[19,21,22,42–44]. This is believed to be valid as long as
there is a diﬀused neck, which occurs usually in ductile
metals before a ﬁnal failure by localized shear (banding) or cleavage initiation. The present result indicates
an additional aspect of necking deformation that is
not generally appreciated, namely that, although the
strain-hardening rate is low, it remains nearly unchanged during necking process. This conclusion
assumes that during necking deformation the true
stress–true strain curve will be a straight line with a
positive slope, as observed elsewhere [19,21,22,42].
As seen in Figs. 7–10, the strain-hardening rate always decreased rapidly with strain near the onset of
necking. If the strain-hardening rate continues to decrease during necking at the same rate, it will become a
small positive value or more likely a negative value at
the fracture strain. However, the high positive HRN
values displayed in Fig. 12 indicates that this prediction
is invalid [19]. Since HRN turned out to be approximately the same as PIS, the downward curve for strainhardening rate near the onset of necking, in Figs. 7–10,
must change to a horizontal line during necking deformation. Two reasons for attaining and maintaining such
high strain-hardening rates during plastic instability
have been suggested by the present authors [19,21,22]:
First, a multi-axial stress state is developed in the
necked region [19,42,45]. Since the true stress for a neck
is calculated by dividing applied load by cross-sectional
area, the stress was the axial component of a multi-axial
stress ﬁeld, i.e., the stress component in the loading direction. This axial stress component is dependent on the
geometry of the neck, while the equivalent stress is a
more genuine stress response of the material and is
nearly independent of specimen geometry. Both the
axial and equivalent stresses should be the same during
uniform deformation cans where the transverse components are zero. In necking deformation, however,
triaxial stress components are generated to accommodate the necked geometry. Since the constraint at the
neck increases as necking proceeds, the axial stress
component needed to deform the specimen can be
higher than the equivalent stress at a given strain
[19,23,28]. Therefore, the HRN, which is deﬁned as the
strain-derivative of the axial stress component, can also

T.S. Byun et al. / Acta Materialia 52 (2004) 3889–3899

be higher than the strain-derivative of equivalent stress.
(Note that the true strain in the loading direction is
identical with the equivalent strain in the axi-symmetrical condition.)
Secondly, the complexities of geometry and stress
state in the necked region will activate additional dislocation slip systems or even diﬀerent deformation
mechanisms in the material. This can also help to sustain
a high strain-hardening rate in the loading direction,
which usually falls during uniform deformation. If the
strain-hardening rate is calculated for the equivalent
stress, it would continue to decrease after the onset of
necking although the PIS values are similar to the HRN
values. Thus the apparently constant HRN is believed to
result from a delicate balance between two eﬀects: (a)
the decreasing load carrying capability due to area
contraction and reduction in hardening rate in the
equivalent stress term and (b) the increasing constraint
eﬀect from increasing stress triaxiality.
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Fig. 13. Comparison of yield stress (YS) and plastic instability stress
(PIS) in 20% cold-worked and annealed 316LN stainless steels.

3.5. A common criterion for plastic instability after prestrain and irradiation
Recent analyses of the plastic instability behavior of
numerous irradiated polycrystalline metals [21,22]
showed that necking at yield occurred when the YS was
above the PIS of the unirradiated material. This invariance of PIS was also conﬁrmed by the observation
that the true stress–true strain curves for irradiated
materials could be superimposed on the curves for
unirradiated materials by shifting along the strain axis
until coincidence of stress was reached [21,22,42–44].
These results led to the conclusion that the two diﬀerent
microstructures resulting from radiation-induced defects
and deformation-produced dislocations, produced similar net eﬀects on strain-hardening behavior. It was also
suggested that thins insensitivity of strain-hardening
behavior and PIS to the original microstructures was a
general phenomena for many metallic materials hardened by any defect structures, provided the matrix
strength was not signiﬁcantly modiﬁed during generation of those defects [21]. In the present study, this
concept is further validated for dislocation-hardened or
pre-strained materials. In Fig. 13, the PIS of annealed
316LN steel is compared with the YS of 20% coldworked 316LN steel, where dislocations have been introduced by cold rolling at room temperature. The PIS
values for annealed 316LN material are 810, 690, and
610 MPa at 100, 200, and 400 °C, respectively. The later
two PIS values are nearly the same as the YS values for
the 20% cold-worked 316 steel at corresponding temperatures. At or below 100 °C the YS of 20% coldworked 316LN steel was always lower than the PIS and,
as predicted, necking at yield did not occur (see Fig. 4).
Meanwhile, above 100 °C, when the YS of the 20% coldworked steel became equal to the PIS values of the an-

nealed steel, the 20% cold-worked specimens always
showed prompt necking at yield.
It is also worth mentioning that the YS after 20% cold
work dose not exceed the PIS of annealed material, as
seen in Fig. 13. This means that the maximum YS after
pre-strain is bounded by the PIS of the annealed material. In contrast to this pre-strained material case, the
YS values of irradiated metals continued to increase
with irradiation dose and exceeded the PIS values after
critical doses [21,22]. This behavior may originate from
diﬀerences in the characteristics and eﬀects of the two
defect types, strain-induced tangled dislocations and
radiation-induced defect clusters. The radiation-induced
defects apparently act as obstacles for extending the
elastic limit above the PIS by increasing the critical
stress for yielding; thereafter, highly localized strain in
the form of dislocation channeling renders the obstacles
transparent to the passage of glide dislocations. Preexisting dislocations act as obstacles to additional dislocation glides and they, or their segment, can continue to
glide under elevated stresses even if the test temperature
diﬀers from the cold-working temperature. Since the
deformation at elevated temperature is a continuation of
that at lower temperature, it will be subjected to the
plastic instability criterion once the YS of the coldworked steel reaches the PIS of the annealed material.
This results in the fact that the YS of the cold-worked
steel cannot exceed the PIS of the annealed material [21].

4. Conclusions
Strain-hardening and plastic-instability behavior was
investigated for annealed and cold-worked austenitic

3898

T.S. Byun et al. / Acta Materialia 52 (2004) 3889–3899

stainless steels in the temperature range )150 to 450 °C.
The following conclusions are drawn from this work:
1. In both annealed and cold-worked conditions the
strength of stainless steels decreased with increasing
temperature, while ductility peaked at room temperature or below.
2. Above room temperature the true strain-hardening
rate decreased monotonically with strain in the uniform deformation region. At room temperature or
below, however, the strain-hardening rate showed
two-stage hardening behavior; it decreased with
strain below 3–20% and then it experienced an additional increase-decrease cycle before plastic instability. This characteristic two-stage hardening was
explained by the stress-induced transformation of
austenite to martensite.
3. The plastic instability stress (PIS) was independent of
cold work before testing, and the cold-worked specimens failed by prompt necking at yield when the yield
stress reached the PIS of annealed material. This plastic instability behavior after pre-strain resembled that
of irradiated polycrystalline metals.
4. The average strain-hardening rate during necking
(HRN) was almost the same as the PIS, which was
much higher than the predicted (or extrapolated) value based on the strain-hardening rate curve before
plastic instability. The reason for retaining high, constant HRN value is proposed to be determined by a
balance between two eﬀects: (a) the decreasing load
carrying capability due to cross-section area contraction and reduction in hardening rate in the equivalent
stress–strain response and (b) the increasing constraint eﬀect from increasing stress triaxiality in the
neck.
5. The strain-hardening behavior during necking was
nearly independent of the microstructure of the material, but it was strongly dependent on temperature.
Although both pre-straining (cold work) and irradiation strengthen the material, they do not change the
mechanical behavior at or after the onset of necking.
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